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INTRODUCTION 
The science of metallurgy has, since its beginning, 
sought techniques to push the strength of metals closer to 
their theoretically predicted value. To date, these tech­
niques fall into two broad categories; those which eliminate 
dislocations and those which inhibit their motion. The com­
plete elimination of dislocations from single crystals has not 
yet been achieved, and from all indications will never be 
achieved. Techniques which prevent the motion of dislocations 
in polycrystalline materials have provided some of the great­
est practical advances toward the desired goal. One such tech­
nique is that of thermomechanical treatment, which has an 
added advantage of improving other mechanical properties as 
well. 
Thermomechanical Treatment 
Definitions 
The definition of thermomechanical treatment is not con­
sistent in the literature. Some authors (1) have used rather 
loose definitions which include all processes where plastic 
deformation is combined with other strengthening phenomena 
resulting from thermal treatment. A more rigid definition has 
been formulated by Duckworth (2), who defines it as; "the use 
of deformation prior to, or during, an allotropie change so as 
to obtain an improvement in mechanical properties". He points 
out that this definition excludes strain aging processes such 
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as the flow-tempering of martensite (3) and the work-hardening 
of austenite (4). This definition eliminates the possibility 
of calling any deformation process a thermomechanical treat­
ment and hence has been widely accepted both in this country 
and abroad. In the present work, Duckworth's definition is 
employed. 
There is another inconsistency in the literature concern­
ing nomenclature. A large portion of the U.S. literature con­
cerning the thermomechanical treatment of steels refers to 
deformation above the temperature as high temperature 
thermomechanical treatment (HTTMT). Most of the Soviet litera­
ture (Soviet literature on thermomechanical treatment of steels 
exceeds that in the U.S. by about a factor of six) uses the 
recrystallization temperature as the demarcation line between 
HTTMT and low temperature thermomechanical treatment (LTTMT). 
In this work, the latter will be used to distinguish HTTMT 
from LTTMT; since this seems to have wider acceptance. The 
significance of LTTMT and HTTMT will become apparent in the 
section concerning the theories of property improvement. 
Steels respond very favorably to thermomechanical treat­
ments and because of their industrial significance they are 
the most important and the most widely researched materials 
given these treatments. Two typical thermomechanical treat­
ments for steels are schematically shown superimposed on an 
isothermal transformation diagram in Fig. 1. This work con­
cerns thermomechanical treatments of the types shown in Fig. 1. 
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^ A = AUSTENITE 
F = FERRITE 
C = CARBIDE 
LOG TIME 
Figure 1. Schematic of two thermomechanical treatments super­
imposed on a TTT diagram, a) Deformation of meta-
stable austenite prior to transformation, b) 
Deformation during transformation 
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Process variables 
With the aid of Fig. 1, the process variables associated 
with the thermomechanical treatment of steels can be identi­
fied. These process variables are: 
1. Steel composition 
2. Austenitizing temperature 
3. Deformation temperature 
4. Amount of deformation 
5. Type of deformation 
6. Deformation rate 
7. Time at elevated temperature following deformation 
8. Cooling rate following deformation 
9. Tempering time and temperature 
Marschall (4) has discussed each of these variables based 
on a thorough literature survey which he conducted. His dis­
cussions will only be summarized here. 
Steel composition The effect of each individual alloy­
ing element on the mechanical properties of thermomechanically 
treated steels is unknown because no systematic study of this 
has been undertaken. It appears that carbon content has a 
definite effect on the response of steels to thermomechanical 
treatment (5-15). This effect, however, is brought about over 
a limited range of carbon concentrations. Below 0.1 w/o C and 
similarly above 0.5 w/o C there is little observed effect of 
variation in carbon concentration (9,15). Within this range 
of concentrations, the strength of the material increases with 
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increasing carbon concentration. 
Strong carbide forming elements also tend to increase the 
effect of thermomechanical treatment (10,16,17). Molybdenum 
has been observed to be particularly effective (12) in improv­
ing strength. 
Since thermomechanical treatment most often involves 
quenching austenite to some intermediate temperature prior to 
deformation, and since the deformation process requires some 
finite time, it is obvious that the hardenability of the steel 
can drastically influence the results of the treatment. Con­
sequently, those alloying elements which increase the harden­
ability of steel afford greater flexibility in the manner by 
which the steel can be thermomechanically treated. The most 
important of these elements are nickel and manganese. They 
are very effective in retarding nonmartensitic transformation 
kinetics. Their direct contribution to strength, however, has 
been found to be negligible (12,18). 
Hardenability also controls the amount, if any, of non­
martensitic products which are formed prior to, during, or 
after the deformation. Partial transformation to nonmartensi­
tic products after deformation impairs strength. Deformation 
during decomposition of metastable austenite into pearlite re­
sults in morphological changes which either refine the pearli-
tic structure (19,20) or alter it so that the lamellar struc­
ture is lost entirely and is replaced by very finely dispersed 
carbide particles (21). The dispersed carbide structure is 
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superior in strength and ductility to the lamellar structure. 
Deformation prior to decomposition of metastable austenite 
into nonmartensitic products also enhances the strength simi­
lar to that in the patenting process.^ 
Austenitizing temperature Grain size has an effect on 
strength. The smaller the grain size, the greater the 
strengthening from the thermomechanical treatment (22). The 
importance of the austenitizing temperature then becomes appar­
ent, since higher austenitizing temperatures nurture grain 
growth. The austenitizing temperature is also important be­
cause of its effect on the solution of carbon and other alloy­
ing elements, which influence hardenability or which may sub­
sequently be candidates for precipitation. For steels which 
show secondary hardening effects, the higher the austenitizing 
temperature, the better the response to thermomechanical 
treatment (23). Other steels respond considerably better to 
lower austenitizing temperatures (17,24). 
Deformation temperature Deformation temperature influ­
ences the material behavior in two ways; by increased strain 
hardening of the austenite with decreasing temperature and by 
increased diffusion rates at increased deformation tempera­
tures. The latter is conducive to carbide precipitation. 
Both of these effects are discussed in greater detail in the 
^Patenting is a heat treatment given to medium and high 
carbon steels prior to wire drawing. It consists of austeni­
tizing, rapidly cooling to about 900°F, holding at that tem­
perature, and air cooling. 
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section concerning the theories of property improvement by 
thermomechanical treatment. It is seen then, that either 
raising or lowering the temperature could result in a strength 
increase. Experimental evidence (9,17,25) indicates that the 
increased dislocation density associated with working austen-
ite at lower temperatures is the dominating effect. Conse­
quently, strength increases with decreasing deformation temper­
atures. No experimental evidence was found to support the 
theory that enhanced diffusion rates at high temperature can 
bring about strength increases due to carbide precipitation 
which exceeds those due to increased dislocation density. 
Amount of deformation The effect of deformation is 
difficult to summarize because of the inconsistencies that 
exist in the literature. These inconsistencies may be conse­
quences of nonmartensitic products formed during the addi­
tional processing times usually associated with greater amounts 
of deformation; of recrystallization, which becomes more like­
ly with both increased deformation and longer processing times; 
or of dissimilarities between investigations arising from the 
large number of process variables that must be controlled. 
More consistence can be found if the effects of LTTMT and 
HTTMT are separated. In LTTMT, the strength increases with 
deformation (9,14,17,26,27). A maximum in a plot of strength 
versus amount of deformation usually occurs in HTTMT. This 
maximum is found in the deformation range of 20-60%, depending 
on the composition and other process conditions (11,14,25). 
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Type of deformation The effect of this variable is 
not very pronounced. Many different modes of deformation have 
been used such as rolling, swaging, shear spinning, drawing, 
etc. however, most studies were carried out with different 
steels. Consequently, direct comparison of all the techniques 
mentioned above is impossible. The differences in the effects 
of the various deformation techniques could perhaps be corre­
lated with the deformed grain geometries which result from each 
technique. This also will be given further discussion in the 
section concerning the theories of property improvement. 
Deformation rate Increasing deformation rates reduce 
the likelihood of recrystallization and the formation of non-
martensitic products, increase the adiabatic heating, reduce 
grain growth if recrystallization does occur, influence the 
precipitation or dissolution of carbides, and increase the 
dislocation density. All of these effects of increasing 
deformation rate influence the resulting material properties 
to some degree. The literature is not in agreement concerning 
the effects of this variable on the material properties. 
Zackay and Justusson (28) found that both the ultimate and 
yield strength of Vasco MA steel decreased with increasing 
deformation rate. On the other hand, Kopaleishvili (29) found 
the opposite effect for SOKhFA steel (0.49 C, 0.66 Mn, 0.25 Si, 
0.94 Cr, 0.15 V, 0.028 P, 0.029 S). Stein and Johnson (30) 
investigated the strengths of H-11 and D6AC (a vanadium modi­
fied AISI 4340) steels resulting from a thermomechanical 
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treatment which involved the explosive deformation of tubes. 
They found significant increases in both the tensile and yield 
strengths for each material. The strain rates in the latter 
work were several orders of magnitude greater than those used 
in the previous two works cited. No trend related to deforma­
tion rate can be discerned. 
Time at elevated temperature following deformation 
This variable would show its effects as a result of recrystal-
lization, transformation to nonmartensitic products, or re­
covery and stress relief in the deformed austenite. From, his 
review of the literature, Marschall (4) concludes that the 
effect of this variable is quite small provided no recrystal-
lization or no decomposition of the metastable austenite to 
nonmartensitic products occurs. 
Cooling rate after deformation Several phenomena that 
are affected by cooling rate are; nonmartensitic product for­
mation, recrystallization and grain growth, dissolution of 
carbides, and quench cracking. Neglecting the formation of 
nonmartensitic products and quench cracking, the effect of 
the cooling rate on the remaining two phenomena seems to be 
minimal (31,16). 
A study concerning the effect of cooling rate on hardness 
was carried out with AISI 4340 and 440A stainless steel (32) 
for a wide range of cooling rates. It was found that the 
hardness increases with decreasing quench rates. The theory 
which explains this behavior is: as austenite is cooled, the 
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equilibrium concentration of carbon at lattice defects in­
creases. During cooling, carbon diffuses to these defective 
lattice regions in an attempt to establish equilibrium. Upon 
subsequent transformation to martensite, the carbon rich 
regions are inherited by the martensite and act as a distrib­
uted second phase, which strengthens the martensite according 
to the theories of dispersion hardening. According to this 
theory, only those quench rates which are fast enough to re­
duce the segregation of the carbon to the austenite lattice 
defects can cause a reduction in strength. Since the mobility 
of carbon in austenite is quite high at temperatures above the 
Mg temperature, only extremely high quench rates, such as 
those achieved by plunging wafers into refrigerated water, 
result in strength reductions. Most practical heat treatments 
involve cooling rates which allow sufficient carbon segrega­
tion to take place so that no effect of quench rate can be 
observed. 
Tempering time and temperature In thermomechanically 
treated steel, the effects of this variable are highly depen­
dent upon the steel composition. At the present time, it is 
unknown what the effects of each alloying element are with 
respect to tempering. The only data available are those for 
specific steels. Inspection of these data shows that the 
relationship between strength and tempering temperature is the 
same as that for conventional treatment except shifted upward 
in strength at each tempering temperature (12). Secondary 
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hardening is either suppressed, shifted to higher or lower 
tempering temperatures, eliminated, or created. 
Mechanisms of Property Improvement by 
Thermomechanical Treatment 
There are four main sources for the strengthening of 
martensite formed in thermomechanically treated steel (33). 
These are: 1) grain size, 2) dislocation density and internal 
structure, 3) precipitation of carbides, and 4) solid solution 
hardening. These strengthening mechanisms can also bring 
about favorable side effects such as increased ductility. 
Grain size 
Accompanying the deformation of austenite in thermomechan­
ical treatment is a change in the austenitic grain geometry. 
The original polygonal grains become reduced in size in one or 
two directions as in rolling or extrusion respectively. When 
the temperature of the deformed austenite is above its recrys-
tallization temperature (HTTMT), recrystallization may occur 
and the recrystallized grain size is determined by the amount 
of time available for the new austenite grains to grow. The 
grain size of the austenite determines the unit size of the 
martensite formed from it (15,17,34-37). Hence, the less time 
for austenitic grain growth the more refined the martensitic 
units will be. When no recrystallization occurs (LTTMT), the 
deformed grains would have a disk or cylindrical shape in 
rolled or extruded material respectively. Both of these 
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shapes lead to a preferred orientation of the martensite units 
subsequently formed ind also to a refinement of those units 
(20,21). 
Refinement of the martensitic units can lead to increased 
strength and ductility (8,15,17,22,36,38,39,40). A theory 
which explains this fact is that the smaller units have shorter 
distances between dislocation sources and grain boundary bar­
riers. The shorter this distance, the fewer dislocations a 
source can generate before it becomes inoperative for a given 
applied stress. This gives rise to strengthening (41,42). At 
a given stress, the number of dislocations piled-up at a grain 
boundary decreases as the units become smaller, diminishing 
the likelihood of crack initiation, and hence increasing the 
ductility. Also, the propagation of a crack normal to the 
deformation direction would be more difficult in a structure 
of fine martensitic units because the propagation would be 
interrupted at each unit boundary. 
Justusson and Schmatz (43) refute the above arguments by 
showing that identical values of strength can be obtained with 
different sized martensite units. They contend that the 
smaller unit size is merely a consequence of a higher amount 
of deformation and it is the increased deformation which 
accounts for observed strength increases. The theories con­
cerning the effects of martensite unit size on strength are 
similar to those which have been presented to explain the 
Petch-Hall grain size relationship (44,45,46). Consequently, 
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it is doubtful that the controversy over the effect of the 
martensite unit size will be resolved until a theory is firmly 
established which explains this relationship. 
The refinement of the martensitic units is greater when 
they are formed from deformed austenite that has not recrys­
tallized. Consequently, the strengthening due to grain refine­
ment in LTTMT is expected to exceed that in HTTMT under normal 
circumstances. It is conceivable that, if the deformation 
process is fast and followed immediately by quenching, recrys-
tallization can be avoided even in HTTMT. In actuality, this 
is very difficult to accomplish since conditions approach pure 
adiabatic deformation as the rate increases. As a result, the 
temperature of the deformed material increases substantially 
and recrystallization kinetics are enhanced. 
In the discussion of the process variables, it was men­
tioned that grain geometry might account for some of the dif­
ferences observed in the properties of steels thermomechani-
cally treated by different types of deformation. Just as 
deformed austenite grains produce martensitic units that are 
more refined than those resulting from equiaxed recrystallized 
grains, cylindrical shaped austenitic grains produce martensi­
tic units that are more refined than those derived from plate 
shaped grains. Processes which produce cylindrical shaped 
grains should show a greater grain size effect than those pro­
ducing plate shaped grains. Since the grain size effect is 
usually quite small relative to the other strengthening 
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sources, it is difficult to assess quantitatively. Coupled 
with this is the fact that no specific investigation of the 
effects of grain geometry has ever been carried out. Hence, 
it is impossible to substantiate the above reasoning with the 
experimental data available in the literature. 
Dislocation density and internal structure 
Dislocations and internal structure present in deformed 
austenite are inherited by the martensite formed from it (14, 
47-53). Inherited dislocations contribute to strength of 
martensite in the same manner as dislocations generated during 
cold working. This strengthening contribution increases as 
the square root of the dislocation density. Inherited sub­
structure (subgrains) enhances the strength of martensite 
according to a Petch-Hall type expression where the size 
parameter is the subgrain diameter. 
The dislocation density in the martensite results from 
the inherited dislocations and dislocations generated during 
the transformation. Even greater dislocation densities can be 
achieved if carbide precipitation accompanies the deformation 
of austenite. This leads to a higher dislocation density in 
the austenite prior to transformation and, hence, in the 
martensite formed from it. Since the shear transformation to 
martensite involves deformation, precipitate particles in the 
austenite can increase the number of dislocations generated 
during transformation by dislocation interaction and multipli­
cation at the carbides. This is true only if the shear defor­
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mation during transformation is slip and not twinning (54). 
Carbide precipitation 
One may expect precipitation during the thermomechanical 
treatment process because the solubility of carbon in austen-
ite decreases with decreasing temperature. The nucleation of 
carbides, however, is very difficult in unstrained austenite 
(55). By deforming the metastable austenite, three things are 
accomplished. First, dislocations are generated which serve 
as nucleation sites for the formation of carbides and hence 
increase the nucleation rate. Second, vacancies are produced 
which enhance the diffusion of the carbide forming elements to 
the nuclei. Third, the material may be subjected to a high 
hydrostatic pressure during deformation which increases the 
tendency to precipitate carbides while decreasing the number 
of vacancies generated. The effect of the latter has already 
been discussed. These facts along with considerable experi­
mental evidence (16,56,57) indicate that precipitation of 
carbides during deformation of metastable austenite is a very 
strong possibility. 
Once carbide particles start to precipitate, the rate of 
dislocation generation during deformation increases. The dis­
location generation rate in a matrix containing particles 
which are not sheared during deformation is about five times 
greater than that in a matrix in which there are no particles 
present (58). The increased number of dislocations provide 
still more nucleation sites for further precipitation. 
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The growth of martensite crystals in dispersion-hardened 
austenite is impeded to some extent. This results in smaller 
martensitic unit sizes or else growth on certain crystallo-
graphic habit planes and/or self-accommodation in bundles in 
order to minimize the strain energy of the system (54,59). 
The effect of smaller martensitic unit size can be appreciated 
from the discussions above. 
Precipitate particles formed during deformation are also 
incorporated into the martensitic structure; therefore, the 
resulting martensite is not only heavily dislocated but also 
dispersed with fine precipitate particles (60). The combina­
tion of precipitated carbides and high dislocation density 
constitutes the major source of increased strengthening 
observed in some thermomechanically treated steels. 
Solid solution strengthening 
The solid solution strengthening of martensite by various 
alloying elements is not easily assessed because of diffi­
culties in isolating the effects due solely to solid solution 
strengthening. Studies (12,61) have shown, however, that the 
strengthening effect produced by those alloying elements form­
ing substitutional solid solutions is minimal. Interstitial 
elements account for nearly all of the solid solution 
strengthening. The most effective interstitial element is 
carbon. Its solid solution strengthening effect has been 
thoroughly studied (12,61-63). These studies attribute 
strengthening to interactions between the stress fields 
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around carbon atoms and dislocations. 
Quantitative evaluation of the strengthening effect of 
carbon is complicated by the diffusional rearrangement of 
carbon, which occurs both during and after quenching. These 
diffusional effects can only be eliminated below about -60°C. 
There is very little additional strengthening with in­
creases in carbon concentrations above about 0.4%. Up to this 
point, there are numerous theories which relate strength to 
concentration. These theories predict cube root, square root 
and direct proportionality between flow stress and carbon con­
centration. Contradictions such as this make any generaliza­
tion difficult and questionable, however, Roberts (12) does 
offer some. He states that the magnitude of martensite 
strengthening by interstitial carbon is almost identical to 
that produced by carbon in ferrite and that the rate of in­
crease in flow stress with the square root of the atom fraction 
of carbon is about y/I5, where y is the shear modulus. 
Justification and Goal of This Investigation 
The literature concerning high strain rate thermomechan-
ical treatment is sparse and inconclusive. Only one (64) of 
the available publications concerns itself with high strain 
rate deformation that involves two dimensional reductions 
(extrusion). Little can be learned from this work since con­
siderable transformation had taken place in the material 
before it was deformed. In light of the situation in the 
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literature concerning high strain rate deformation in thermo-
mechanical treatment of steels and the number of phenomena 
that are likely to occur with high deformation rates, it 
appears that an investigation involving high strain rate, two 
dimensional deformation in the thermomechanical treatment of 
steels is needed. This investigation is intended to fill this 
need. 
The goal of this investigation is to identify the struc­
tures that are produced by this type of deformation compared 
to that of conventional heat treatments and correlate these 
structures with the mechanical properties measured. 
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EXPERIMENTAL PROCEDURE 
Impact Extrusion 
Apparatus 
The high strain rate, two dimensional deformation desired 
for this work was achieved by the use of impact extrusion. 
With this process, strain rates of approximately 5x10 sec 
are obtained, which exceed those associated with conventional 
deformation processes by about an order of magnitude. 
The impact extrusion was done on a mechanical-pneumatic 
machine (Dynapak model 1200A). Its principle of operation is 
simple and is easily understood with the aid of Fig. 2. In 
the cocked position, chambers A and B contain high pressure 
(up to 2000 psi) and low pressure (~l/3 the pressure in A) gas 
respectively. Although the pressure in chamber B is much 
lower than the pressure in chamber A, it is sufficient to hold 
the piston E against the seat because the area over which it 
acts is about 3 times larger. Firing the machine involves the 
introduction of a small amount of high pressure gas at C, 
which upsets the force equilibrium on the piston and causes it 
to move off seat. The high pressure gas of chamber A is 
allowed to act instantaneously over the entire piston area. 
This accelerates the piston to the right and the recoil, trans­
mitted through the frame I, accelerates the bolster F to the 
left. The mechanical energy available in the machine is the 
sum of the kinetic energy of the piston and bolster-frame 
20 
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Figure 2. Schematic of the Dynapak 1200A. a) Cocked position 
b) Fired position 
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assembly. This energy is a function of the pressures in cham­
bers A and B, and it can be approximated with data supplied 
with the machine. 
To utilize the energy for extrusion, the extrusion cham­
ber is mounted on the bolster to G and the punch is attached 
to the piston at H. Examples of these tools are shown in 
Fig. 3. 
To return the machine to the cocked position, oil is 
pumped into chamber B at D of Fig. 2a. This recompresses the 
high pressure gas in chamber A and forces the piston against 
its seat. The high pressure gas around the periphery of the 
seat is released through C and the oil is drained through D. 
The machine is then ready to fire again. The shock absorber 
arrangement on the bottom returns the machine to the starting 
position each time. 
Instrumentation 
The Dynapak was equipped with a velocity transducer 
(Schaevitz Engr. model 7L9VTZ-1) which measured the relative 
velocity of the ram and bolster. The output voltage of the 
transducer is generated by a magnet moving in a coil and is 
proportional to the relative velocity of the two. The trans­
ducer was mounted with the coil and magnetic core attached to 
the ram and bolster respectively. The processing of the trans­
ducer output to obtain a simultaneous recording of relative 
velocity and displacement on an expanded time scale is sche­
matically illustrated in Fig. 4. A typical recording is 
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Figure 3. Extrusion tools, a) Container, H-13 tool steel 
hardened to 52 R^. b) Punch, S-1 tool steel 
hardened to 56 . c) Die, 0.5 inch diameter 
shown, 45® die angle, H-13 tool steel hardened 
to 52 R„ 
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TRANSDUCER OUTPUT 
(Velocity vs real time) 
REPRODUCED SIGNAL 
(Velocity vs Expanded Time) 
INTEGRATED SIGNAL 
(Displacement vs Expanded Time) 
Chart Recorder, Offner 
Dynagraph Model 504D 
Operational Amplifier, 
Tektronix Type 0 Plug-
In Unit 
High Frequency FM Tape 
Recorder, Precision 
Instruments Model Pl-6100 
Figure 4. Block diagram of the instrumentation system used 
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shown in Fig. 5. 
It was desirable to have the displacement-time curve to 
calibrate the velocity curve. This was done in the following 
way. The initial separation distance, x, of the punch and 
container corresponds to the area, under the velocity 
time curve between points A and D of Fig. 5. It can be shown 
that 
j y dt = . (1) 
o 
where v^^^ = maximum relative velocity achieved, in/sec 
F = ratio of reproduce speed to record speed of 
tape recorder 
^max ~ Maximum ordinate of the velocity-time curve, in. 
X = initial separation distance, in. 
y = ordinate of the velocity-time curve, in. 
It is also seen that the ordinate of the displacement-time 
curve is 
t 
Yf = I I y dt (2) L t o 
where I is the integration factor (amplification) of the oper­
ational amplifier, and in particular, 
yd = I r y dt. (3) 
o 
Substituting Equation (3) into Equation (1) and assuming 
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Figure 5. Transducer data. (Time scale is 0.008 sec/cm) 
For 94% reduction of 440A stainless steel at 1775 
°F. a) Velocity-time curve, scale factor: 64 
in/sec/cm. b) Displacement-time curve, scale 
factor: 1.28 in/cm 
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identical sensitivity settings on each channel of the strip 
chart recorder results in 
v = ^ ^ (4) 
max yp F 
The only data required to calibrate the recordings is the dis­
tance X, a quantity easily measured before extrusion. 
The characteristics of the velocity-time curve can all be 
accounted for. Point B of Fig. 5 is the point where the punch 
contacts the slug and its extrusion corresponds to the region 
between B and C. The deformation of the ~1/16 in. thick 
aluminum cushion plate is represented by the region C to D. 
The recoil and subsequent vibration account for the oscilla­
tory signal following D. 
The velocity-time data is required for subsequent calcu­
lations concerning adiabatic heating and strain rate. It also 
indicates very clearly the elapsed time for the various stages 
of the extrusion process. 
Material Selection 
Three materials were selected for this study. Their type 
and composition are given in Table 1. 
Table 1. Type and composition of steels investigated 
C Cr Mn Mo Ni Si S 
AISI 4340 0.44 0.73 0.74 0.27 1.7 0.28 
440 A Stainless 0.66 17.1 0.32 0.0 0.16 0.32 
steel 
AISI 1020 0.19 -- 0.80 -- -- 0.11 0.02 
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The AISI 4340 material was selected because of its harden-
ability and wide industrial use. It also allows comparisons 
between this work and that of others using different deforma­
tion modes and strain rates (53). 
The 440A was selected because of its hardenability and 
the interesting phenomena that might occur due to the ever 
present carbide phase. The selection of AISI 1020 was made so 
that the effect of very high strain rate deformation during 
pearlite transformation could be studied and the spectrum of 
materials examined broadened.. 
Thermomechanical Treatment 
The two independent variables of extrusion temperature 
and extrusion ratio along with some other pertinent conditions 
for the thermomechanical processes are summarized in Table 2. 
Before austenitizing, billets were degreased, warmed to about 
300*F and coated with a colloidal graphite and water mixture 
purchased commercially.^ The water evaporated immediately 
leaving a tenacious graphite coating. The primary purpose for 
the graphite coating was lubrication during extrusion. A 
secondary benefit was the reduction of decarburization during 
the austenitizing of the 440A stainless steel. 
Ideally, extrusions of constant diameter for all extru­
sion ratios should be made in order to avoid quench rate 
effects. This could not be achieved conveniently because of 
^Acheson Colloids Co., AC688. 
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Table 2. Condition for the thermomechanical process 
Material 
AISI 4340 440A stainless AISI 1020 
Austenitizing 
temperature, F 
Austenitizing 
time, min 
Austenitizing 
environment 
Nominal Extru­
sion temperatures, 
°F 
Extrusion ratios 
Average tool 
temperatures, ®F 
Quench medium^ 
Tempering 
temperature, *F 
Tempering time, hrs. 
Tempering medium^ 
Intermediate quench 
temperatures, °F 
Intermediate quench 
time, sees. 
1650 
15 
Lead bath 
1550 
1350 
1150 
16:1 
4:1 
2:1 
400 
Oil 
400 
1 
Sale 
1400 
1200 
45 
1900 
45 
Air 
1700 
1550 
1250 
1 6 : 1  
4:1 
2 : 1  
400 
Oil 
400 
1 
Salt 
1650 
1300 
45 
1650 
15 
Lead bath 
1530 
16:1 
4:1 
2:1 
400 
Oil 
400 
1 
Salt 
^Houghto Quench G, Houghton Oil Co., Chicago. 
^Temperite A, Ecco Salt. 
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constraints imposed by the tool heater assembly. Namely, 
punches with objectionably large length to diameter ratios 
would be required. To get the desired extrusion ratios, the 
die size v^as changed while the container and initial billet 
diameter remained constant. In order to keep the extrusions 
between convenient lengths of about 5 and 10 inches, it was 
necessary to vary the initial billet sizes. The size and 
geometry of the billets used are shown in Fig. 6. 
Since the diameters of the extrusions varied with extru­
sion ratio, the cooling rate was not constant. However, there 
was no observable effect of quench rate on the measured 
mechanical properties of the conventionally treated materials 
studied in this investigation. 
Each billet inserted into the extrusion container was 
accompanied by a graphite follower plug. Its purpose was to 
ensure complete extrusion of the steel billets. With complete 
extrusion, the extrusions have a finite exit velocity as they 
leave the die. The exit velocities were between 300 and 4000 
inches per second, depending on the extrusion ratio. As they 
exited the machine, the extrusions were deflected by a curved 
pipe into a tank containing the quenching medium. The quench-
ant decelerated the extrusions by viscous drag in addition to 
cooling them. 
A centrifugal pump cominually circulated the room tem­
perature oil in the quench tank. This ensured that the 
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Figure 6. Extrusion billets, a) 94% reduction, b) 75% 
reduction, c) 50% reduction 
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extrusions were always in an agitated oil environment until 
they reached the oil temperature. This was considered impor­
tant because the AISI 4340 and the 440A stainless steel were 
considerably above their temperature after their velocity 
had been reduced to zero. 
The extrusion temperatures in Table 2 require further 
clarification. Increasing the deformation rate of a metal 
forming process causes it to approach adiabatic conditions 
and hence a considerable temperature increase. For this 
reason, the extrusion temperatures listed in Table 2 are the 
temperatures at the initiation of extrusion. This tempera­
ture is the only temperature over which any control could be 
exercised. In order to determine what the temperature at the 
initiation of extrusion was, billets of each size were equip­
ped with thermocouples at their centers and given exactly the 
same thermal treatment as the extruded billets. The instru­
mented billets were transferred from the intermediate quench 
bath to the extrusion container at various rates so that cool­
ing curves for a spectrum of transfer times were obtained. 
These curves, along with the measured transfer time for each 
extrusion allowed the temperature at extrusion initiation to 
be estimated. 
Since the deformation temperature and the amount of 
deformation are the only independent variables, the remaining 
seven process variables previously listed should be held con­
stant for a given material, if the effect of these two vari­
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ables is to be studied. All but three indeed were held con­
stant in this investigation. Deformation rate, time at ele­
vated temperature following deformation and cooling rate 
following deformation could not be held constant. The latter 
of these has already been discussed and its consequences are 
discussed in subsequent sections. The deformation rate and 
time at elevated temperature following deformation vary as a 
consequence of different energy requirements for various 
extrusion ratios and temperatures. 
The deformation rate varies continuously from the initia­
tion to the completion of extrusion. This can easily be seen 
from the velocity-time diagram of Fig. 5. As the kinetic 
energy of the machine is consumed by the extrusion process, 
the velocity decreases and hence the deformation rate de­
creases. Inspection of Fig. 5 shows this velocity change from 
B to C to be 73 inches per second. The change in strain rate 
associated with this velocity change can be calculated by 
making use of Feltham's equation (65) 
6 = i ln(|)2 (5) 
where v = the deformation velocity, in./sec 
Z = the extent of the deformation zone (~D/6 for die 
angles of 45°) , in. 
D = diameter of the billet, in. 
d = the diameter of the extrusion, in. 
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Substituting velocities from Fig. 5 into Equation 5 yields 
a strain rate change of 1215 sec"^. This is a 23% change in 
strain rate from beginning to end of the extrusion process. 
The more energy the extrusion process requires, the wider the 
range of deformation rate over the process. 
The time at elevated temperature following deformation 
depends on the exit velocity of the extrusion; point C on 
Fig. 5. Theoretically, this variable could be controlled if 
the energy required for the particular extrusion condition 
could be precisely predicted and reproduced. At best, only an 
educated guess can be made. Complicating the situation is the 
fact that the machine itself cannot reproduce energies exactly. 
Furthermore, billet lubrication and temperature, which obvious­
ly affect exit velocity, cannot be precisely controlled. The 
highest and lowest exit velocities encountered in this investi­
gation were 3824 and 258 inches per second respectively. 
These velocities yield times at elevated temperature following 
deformation of about 0.01 and 0.1 sec respectively. 
In summary, the thermomechanical treatment proceeded as 
follows. A billet was austenitized at a condition listed in 
Table 2, transferred to an intermediate lead bath and held for 
45 sec. From the lead bath, it was transferred to the extru­
sion container, a graphite plug was inserted behind the billet 
and the machine was fired. The elapsed time for the removal 
of the billet from the intermediate bath to firing was usually 
34 
between 12 to 15 seconds. The extrusions were removed from 
the quenchant, degreased, and tempered in a salt bath for 1 
hour at 400°F. 
Specimen Preparation 
A typical extrusion for each extrusion ratio investigated 
is shown in Fig. 7. In addition to being very hard (~60 
it is seen that these extrusions are not straight. Electrical 
discharge machining was used to prepare 0.150 inch diameter 
straight cylinders from which tensile samples could be ground. 
Since the 50% reduction extrusions were relatively straight, 
they could be electrical discharge machined simply by cutting 
a two inch section and standing it on end, as shown in Fig. 
8a, on the magnetic base of the machine. The 75% and 94% 
reductions were far more crooked and required special holders 
as shown in Fig. 8b. In these holders, the specimen could be 
rotated in a lathe and by adjusting the set screws, the axis 
of minimum eccentricity could be made to coincide with the 
center line of the holder. Centering the holder and workpiece 
in the electrical discharge machine was a simple task. 
The electrical discharge machined cylinders were cut from 
their bases with an abrasive wheel and centerless ground into 
subsize tensile samples with a gage section diameter of 0.050 
inches as shown in Fig. 9. The grinding was done with a A60-
M8B wheel with the final passes being 0.0005 inches in depth. 
A light cut with a carbide tool was made on the grip loading 
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Figure 7. Typical extrusions, a) 50% reduction, b) 75% 
reduction, c) 94% reduction 
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Figure 8. Electrical discharge machining tools and workpiece. 
a. Configuration for processing the 50% reduction 
extrusions, b. Configuration for the 75% reduc­
tion extrusions. The 94% reduction extrusions were 
done exactly like the 75% reduction extrusions ex­
cept the result was a single 0.150 in. diameter 
cylinder 
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Figure 9. Subsize tensile sample with a gage section diameter 
of 0.050 in. 
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surfaces of the samples to ensure that these surfaces were 
perpendicular to the specimen axis and that the sample would 
seat properly in the grip, thus minimizing bending during 
loading. 
Following grinding, the samples were electropolished for 
3 minutes in a 6% perchloric acid methyl alcohol solution at 
dry ice and acetone equilibrium temperature (~-70°C). A cur-
rent density of 17 amps/cm was used, which resulted in the 
removal of about 0.003 inches from the diameter. This was 
sufficient to remove all grinding marks and a great deal of 
the residual grinding stressés. 
Base specimens of the same material and geometry as the 
extrusions were conventionally heat treated and processed into 
tensile samples in the same manner as the extrusions. This 
was done so that comparisons could be made between the thermo­
mechanically treated and conventionally treated materials, 
thereby assessing the effectiveness of the thermomechanical 
treatment. 
Geometric similarity between specimens of base material 
and thermomechanically treated material was maintained in the 
event that cooling rate effects would be observed. In that 
case, comparisons between similar cooling rates only would be 
valid. To get rods of the proper size, one inch diameter bars 
of AISI and 4340 were hot rolled to 0.7 5 inches and then hot 
swaged to final diameters of 0.707, 0.500 and 0.250 inches. 
The 440A stainless steel was not processed in this manner. 
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because hot working can cause changes in the carbide particle 
size and distribution, which affects the mechanical properties. 
In order to preserve similarity in the carbide size and dis­
tribution between the base material and the billets that were 
extruded, cylinders with diameters of 0.707, 0.500 and 0.250 
inches were electrical discharge machined out of the same bars 
from which the billets were prepared. These cylinders were 
conventionally heat treated and processed into tensile samples 
along with the extrusions. Figure 10 illustrates how the 
0.500 and 0.250 inch diameter cylinders were machined from the 
one inch diameter rods. The 0.707 inch samples were taken 
from the center of the one inch rods. 
The conventional heat treatment consisted of austenitiz-
ing, oil quenching and tempering according to the conditions 
listed in Table 2. 
Process Evaluation 
The evaluation of the effects of this thermomechanical 
treatment was done by tensile testing; measurement of prior 
austenite grain size; transmission electron microscopy; and 
in the case of the 440A stainless steel, measurement of the 
carbide particle size distribution. 
Subsize tensile specimens, as shown in Fig. 9, were 
tested at room temperature on an Instron machine, using a 
crosshead speed of 0.02 in./min. Strain was monitored by a 
strain-gage type extensometer with a 0.5 inch gage length. 
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Figure 10. Electrical discharge maching tool (copper) and 
workpiece configuration used to produce proper 
sized cylinders of 440A stainless steel for base 
material samples 
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Since this type of extensometer can be damaged when sample 
failure occurs with it installed, the extensometer was removed 
after a sufficient amount of strain had been recorded to allow 
evaluation of the yield load. The load continued to be re­
corded after the removal of the extensometer, which allowed 
the maximum load to be read from the chart. The initial diam­
eter was measured prior to testing and since the fractured 
surfaces were very nearly circular, the area reduction could 
be calculated from measurements of initial and final necked 
diameters without appreciable error. 
Elongation was approximated in the following way. The 
fractured samples were reassembled with the aid of a micro­
scope (40X] to assure that the fractured surfaces fit together 
properly. The distance between the loading shoulders on the 
reassembled specimens, L£, as well as the final necked diam­
eter were measured with a traveling microscope. The differ­
ence between and the initial distance between the loading 
shoulders measured prior to the test, L^, is the change in 
length, AL. The lengths of the enlarged diameter sections on 
each end of the gage section were also measured with the 
traveling microscope and their sum was subtracted from to 
give a characteristic length, L^, over which all the deforma­
tion, AL, was assumed to occur. The elongation was then 
calculated by 
% Elongation = ^  x 100 (5) 
^o 
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Prior austenite grain size was measured in the 440A 
stainless steel and AISI 4340. In the AISI 4340 steel, the 
prior austenite grain boundaries were revealed by tempering 
samples in the temper embrittlement range (1100®F) for 1 hour, 
polishing and etching with an etchant developed by Cohen, e^ 
al. (66). The prior austenite boundaries in the 440A stain­
less steel were revealed by etching with Garrards #2 etchant 
(25 parts FeCl^, 25 parts HCl, and 100 parts HgO). A statis­
tically representative prior austenite grain size was deter­
mined by an intercept method developed by Abrams (67). 
Material for transmission electron microscopy foils was 
obtained by longitudinally sectioning the butts of workpieces 
like those shown in Fig. 8, that remained after the electrical 
discharge machined cylinders had been cut from them. The 
sectioning was done by an electrical discharge machine with a 
10 mil diameter copper wire as the tool. The 20-30 mil thick 
wafers produced by the sectioning were mechanically ground 
into foils with a thickness of about 2 mils. The grinding was 
done uniformly from both sides of the wafers with 240 grit 
paper initially and finally with 600 grit paper. Discs, 3 mm 
in diameter, were punched out of the foils and electropolished 
in a Buehler jet polisher. The electrolyte used was a per­
chloric acid-methyl alcohol mixture with the perchloric acid 
concentration at 6% and 1% for the 440A stainless steel and 
AISI 4340 respectively. The temperature of the electrolyte 
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2 
was held at -70°C and a current density of 40 ma/mm and 50 
2 
ma/mm was maintained for the 440A and 4340 respectively. The 
thinned foils were stored in closed containers filled with 
methyl alcohol until they were inspected with a Hitachi, 
model HU-125, transmission electron microscope. 
Scanning electron microscopy was used to measure the 
carbide particle size distribution in the 440A stainless steel. 
This was accomplished by photographing the 5000X scanning 
microscope images taken from locations geometrically arranged 
on a longitudinal section of a used tensile sample as shown in 
Fig. 11. The geometric arrangement was used in order to mini­
mize biasing due to the nonuniformity of the carbide distribu­
tion in the samples. All samples were etched the same amount 
of time with Beraha's reagent #2 (20 ml HCl, 100 ml HgO, 200 
mg potassium metabisulfite): an etchant which leaves the car­
bides in martensitic stainless steel unaffected. The dis­
tributions were obtained by manually measuring and counting 
each particle in the pictures. A scanning electron microscope 
picture similar to those analyzed is shown in Fig. 12. This 
technique allowed particles as small as 0.1 micron to be 
tallied. 
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Figure 11. Schematic of a longitudinal section through the 
center of the gage section of a tensile sample 
showing the geometrical pattern of the locations 
from which the scanning electron microscope 
pictures were taken 
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Figure 12. Scanning electron microscope picture of carbide 
particles in 440A stainless steel. Magnification: 
5000X 
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RESULTS 
The results of this investigation are summarized in 
Tables 3, 4 and 5. The tensile data appearing in these tables 
are average values. The raw data from which these averages 
were calculated as well as the error associated with these 
values are included in Appendices D and A respectively. 
Adiabatic Heating 
As the strain rate of a mechanical deformation process 
increases, the adiabatic condition is approached. In impact 
extrusion, the strain rates are sufficient to create condi­
tions that are very nearly adiabatic. The amount of adiaba­
tic heating that took place during extrusion was calculated 
by application of the first law of thermodynamics. It was 
assumed that the total energy available in the machine was 
consumed by the deformation process and by kinetic energy of 
the extrusion. The energy consumed by the deformation process, 
which can also include friction between the billet and dies, 
was further assumed to be all converted to heat. The gross 
error in this assumption is that it does not allow any energy 
to be stored in the form of internal energy in the sample. 
This implies no dislocation or vacancy generation during 
deformation. Neglecting this can contribute an uncertainty of 
as much as 15%. The amount of dislocation and vacancy genera­
tion which will occur is dependent on the amount and tempera­
ture of deformation; therefore, the error involved in neglect-
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Table 5. Summary of the data for the AISI 4340 steel 
Thermomechanically treated 
Nominal Amount of deformation 
deformation 
temperature 50% 75% 94% 
Su » KSI 310 298 299 
Sy, KSI 227 229 230 
Ar, % 52 57 58 
El, % 5 5 6 
Sii 9 KSI 1.4 1.4 5.6 
1S50°F sv, KSI 4.2 2.2 3.7 
n^ 2 2 4 
AT, °F 180 340 550 
Te, °F 1500 1550 1525 
Tm > °F 1680 1890 2075 
Ve, in/s 338 620 2176 
G. S • , ym 5.4 6.3 6.9 
Su > KSI 320 302 299 
Sy , KSI 251 229 226 
AÏ, % 56 57 55 
El, % 4 6 7 
^u > KSI 5^ 4 7 
1350°F S y y  KSI 5a 1.2 6.2 
1 2 5 
AT, °F 140 350 775 
Te, op 1350 1350 1325 
Tm, °F 1490 1700 2100 
Ve, in/s 370 730 2430 
G.S . , um Base 5.0 6.4 
Su, KSI 324 307 301 
Sy , KSI 237 242 235 
Ar, % 53 55 56 
El, % 5 7 5 
Su » KSI 5.3 2.9 1.4 
1150°F Sy, KSI 4.7 6.7 5.0 
4 4 2 
AT, °F 210 350 900 
Te, op 1160 1160 1150 
Tm, °F 1370 1510 2050 
Ve, in/s 312 676 2384 
G.S . . um Base 4.3 5.4 
Conventionally Treated (Base) 
Su,KSI Sy,KSI A r > % El,% Su,KSI Sy,KSI n G.S. ,#m 
304 220 51 6 3.1 4.0 3 7.7 
Estimated value, 
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Table 4. Summary of the data for the 440A stainless steel 
Thermomechanically treated 
Nominal Amount of deformation 
deformation 
temperature 50% 75% 94% 
Su > KSI 296 318 302 
Sy , KSI 227 217 214 
A^, % 20 16 16 
El, % 4 4 7 
Su » KSI 3.0 7.5 6.1 
1700°F KSI 5.0 5.4 3.7 
n 5 4 3 
AT, op 240 375 550 
Te, »f 1700 1700 1775 
Tm, °F 1940 2075 2325 
Ve, in/s 250 596 3568 
G.S. , ym 7.1 6.9 7.9 
Su, KSI 304 310 297 
Sy , 
Ar » 
KSI 257 247 233 
% 20 19 24 
El, % 4 5 5 
Su» KSI 4.7 1.8 3.3 
1550°F KSI 5.1 3.9 4.6 
5 5 4 
AT, ®F 180 350 475 
Te, *F 1500 1550 1525 
Tm » °F 1680 1900 2000 
Ve, in/s 376 676 3824 
G.S. , ym Base Base 8.9 
Su > KSI 339 307 318 
Sy, 
Ar, 
KSI 213 253 240 
% 13 18 19 
El, % 6 5 6 
Su» 
Sy , 
n' 
KSI 1.7 1.1 0.7 
1250°F KSI 2.4 3.2 6.4 
5 5 2 
at. °F 290 470 — — -
Te, °F 1225 1250 1225 
Tm, *F 1515 1720 1875a 
Ve, in/s 280 520 
G.S. , ym Base Base Base 
Conventionally Treated (Base) 
Su,KSI Sy,KSI 
278 207 
Aï El,% ^u,KSI ay,ksi n G.S., ym 
24 6 3.0 5.1 13 11.7 
^Estimated value. 
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Table 5. Summary of the data for the thermomechanically 
treated AISI 1020 steel 
Nominal Amount of deformation 
deformation 
temperature 50% 75% 94% 
Su > KSI 93 88 99 
Sy , KSI 69 64 63 
Aj. , % 82 81 64 
El, % 13 14 10 
Su > KSI 9.1 1.3 6.1 
1530°F Sy, KSI 7.6 2.6 4.4 
n "5 5 4 
AT, op 120 250 600 
Te, °F 1525 1530 1550 
^m, 
°F 1645 1780 2450 
Ve, in/s 408 684 2192 
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ing it will also be a function of these variables. 
It was mentioned previously (p. 32) that the deformation 
rate is not constant throughout the length of the extrusion. 
This will cause a nonuniform temperature profile to develop 
along the extrusion; however, the temperature rise calculated 
is assumed uniform over the length of the extrusion. 
Even with the uncertainties associated with them, the 
temperature rises, AT, tabulated in Tables 3, 4 and 5 have 
merit because they quantify the thermal condition of the 
extrusions immediately after the process. 
In Table 3, the decrease in adiabatic heating when going 
from the 50% reduction at 1500®F condition to that of 50% re­
duction at 1350°F is unexpected. A decrease in deformation 
temperature would be expected to yield an increase in energy 
consumption and hence an increase in the adiabatic heating. 
Apparently this is a situation of values at the extremities of 
overlapping error bands. The fact that the same situation 
occurs in the same location in Table 4 is believed to be coin­
cidence. Other occurrences of this are at 75% and 94% reduc­
tions at 1550°F in Table 4. There appears to be no logical 
explanation of this other than simple overlapping of error 
limits. 
The 94% reduction at 1225°F condition in Table 4 is with­
out an entry for the adiabatic heating. This condition re­
quired the most energy of all the extrusions attempted. The 
impact for this condition was so great and violent that 
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several attempts had to be made before a successful extrusion 
was produced because the tools could not withstand the forces. 
The one extrusion which was successful disabled the velocity 
transducer; hence, the adiabatic heating could not be calcu­
lated. An estimate can be made for this condition by extrapo­
lating the values of other entries in the table 
Tensile Test Results 
The strength data tabulated in Tables 3 and 4 are plotted 
against the extrusion temperature in Figs. 13 and 14. The 
base data for the yield and ultimate strength are indicated on 
the ordinate axis. In Fig. 13, it is seen that all the mean 
values of yield strength for each extrusion condition exceed 
that of the base material. Statistical analysis shows this 
observation to be valid in all cases but 50% and 94% reduction 
at 1500®F and 1325°F respectively. These two conditions are 
not significantly different from the base material at the 95% 
level of confidence. 
Although a maximum is observed in the yield strength curve 
for 50% reduction in Fig. 13 there is no indication of one for 
the other two reductions in the temperature range examined. 
It is possible that a maximum would be observed in these curves 
also had extrusions been made at about 1250®F or 1000°F or 
less. It is logical to expect a maximum in these curves be­
cause at zero percent reduction, the strengths must return to 
that of the base material. 
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Figure 13. Yield and ultimate strength of thermomechanically 
treated AISI 4340 steel versus the extrusion tem­
perature for various amounts of deformation. The 
minimum error associated with each data point is 
^ 7 KSI. Strengths for conventionally treated 
material are indicated on the ordinate axis 
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The percent increase in yield strength for the 4340 steel 
varies from about 3% for 75% reduction at 1550°F to 14% for 
50% reduction at 1350°F. Kula and Dhosi (53) found a 10% and 
19% increase in yield strength after rolling to a 72% reduc­
tion at 1550®F and 1000°F respectively, followed by tempering 
at 450°F. Comparison of their 72% reduction at 1550°F to the 
75% reduction at 1550°F point in Fig. 13, shows rolling is 
about 3 times more effective in improving the yield strength 
of 4340 than impact extrusion. A linear extrapolation to 
1000°F from the last two data points on the 75% reduction 
yield curve results in a 15% increase in yield strength. This 
is in fair agreement with the results of Kula and Dhosi. 
For 4340, the effect of the amount of deformation on the 
yield strength is a function of the temperature of extrusion. 
At 1500®F, 50% reduction has no effect on yield strength while 
the 75% and 94% reductions at 1550°F and 1525°F respectively 
do have an effect on the yield strength. It is impossible, 
however, to say which of these reductions has the greater 
effect since there is no significant difference between the 
two. Between 1325°F and 1350°F, the yield strength increases 
with decreasing deformation. The issue is again unclear at 
about 1150°F. At this temperature, all reductions have a sig­
nificant effect on yield strength, however, at the 95% level 
of confidence, there is no difference among the various 
amounts of deformation. 
Statistical analysis of the ultimate strength data plotted 
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in Fig. 13 shows that the 50% reduction curve is the only one 
that is significantly different from the base tensile 
strength; hence, 75% and 94% reductions have no effect on 
tensile strength. The effect of 50% reduction on the tensile 
strength increases with decreasing temperature. Contrary to 
the yield data, no maximum is observed in the temperature 
range investigated. 
Kula and Dhosi (53) observed no effect on tensile 
strength by rolling to 72% reduction at 1550°F. This is in 
agreement with the results of this investigation. They found 
a 13% increase in ultimate strength, however, for 7 2% reduc­
tion at 1000®F. A linear extrapolation of the 75% reduction 
curve in Fig. 13 to 1000°F shows only a 2% increase in ulti­
mate strength. The linear extrapolation may not be justified 
and the resultant 2% increase in strength may be invalid; 
however, it does not seem likely that any reasonable extrapo­
lation of the data can be made to obtain agreement with Kula 
and Dhosi's work. 
In Fig. 14, one observes yield strength behavior for 440A 
stainless steel similar to that in Fig. 13. All mean values 
are above that of the base material; however, it can be shown 
statistically that the data points for 94%, 75% and 50% reduc­
tions at 1775°F, 1700°F and 1225°F respectively are not sig­
nificantly different from the base material. 
The maximum in the 50% reduction yield strength curve of 
Fig. 13 is also observed in the 440A stainless steel yield 
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Figure 14. Yield and ultimate strength of thermomechanically 
treated 440A stainless steel versus extrusion tem­
perature for various amounts of deformation. The 
minimum error associated with each data point is 
+ 7 KSI. Strengths for conventionally treated 
material are indicated on the ordinate axis 
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strength curve in Fig. 14. No maxima in the yield strength 
curves are observed in Fig. 14 for either of the other two 
reductions investigated. Again, there may be a maximum 
either between 1500°F and 1250°F or somewhere below 1200°F 
for the 94% and 7 5% reductions. 
The increases in yield strength for the 440A stainless 
steel range from 9% to 24% for 50% reduction at 1700°F and 
1500°F respectively. It can be concluded, then, that the 
impact extrusion process is considerably more effective in 
improving the yield strength of 440A stainless steel than 
the AISI 4340 steel. 
The effect of the amount of deformation on the yield 
strength of 440A is consistent for data between 1500°F and 
1550°F; where yield strength increases with decreasing defor­
mation. This is not the case, however, at higher and lower 
extrusion temperatures. 
The ultimate strength data for the extruded 440A, with 
the exception of two conditions, were found to have too much 
dispersion to be treated as homogeneous with the base data. 
Hence, a modified t rest (d test) had to be used in order to 
determine if the sample means of the extruded material were 
indeed different than the base data. The two conditions for 
which the variances of the extruded and base material were 
homogeneous were 50% and 75% reduction at 1225°F and 1250®F 
respectively. These two conditions could be tested with the 
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ordinary t test. The ultimate strengths for the extruded 
material in Fig. 14 can be shown statistically to significant­
ly differ from those of the base material. Beyond this, few 
generalizations can be made concerning the ultimate strength. 
The change in slope of the ultimate strength curve for the 
75% reduction may not be a true indication of what is actually 
happening, because manipulation within the minimum error bars 
can reverse the slope. The calculation of the minimum and 
maximum confidence limits for the data illustrated in Figs. 13 
and 14 is demonstrated in Appendix A. 
An alternate way of presenting the strength in Tables 3 
and 4 is to plot strength as a function of the temperature 
following extrusion. These temperatures, Tjji, are the sum of 
the extrusion temperature, Tg, and the AT due to adiabatic 
heating. Figures 15 and 16 are such plots and they show some 
interesting results. The yield strength curves for both mate­
rials are similar in shape. The ultimate strength curves for 
each material show less similarity than the yield curves; how­
ever, their shapes are not grossly different. The amount of 
deformation and the temperature of extrusion primarily deter­
mine the maximum temperature of the extrusion as it leaves the 
die. Both of these parameters are reflected in the temperature 
scale in Figs. 15 and 16. The error involved in the determina­
tion of the temperatures for the abscissas of Figs. 15 and 16 
should not be overlooked. This error can be as high as + 50*F. 
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Figure IS. Yield and ultimate strength of thermomechanically 
treated 440A stainless steel versus the tempera­
ture after extrusion (T#) for various amounts of 
deformation. The minimum error associated with 
each data point is + 7 KSI. Strengths for con­
ventionally treated material are indicated on the 
ordinate axis 
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The area reductions and elongations for both the base 
and extruded 4340 show no significant variation. The 440A 
shows a slight decrease in the area reduction for the extruded 
material; however, the amount of variation in the area reduc­
tion appears to be random throughout the conditions investi­
gated. The elongation of the base and extruded 440A are 
essentially the same. 
In Table 5, the data for the AISI 1020 steel is listed. 
The average strength values do not vary a great deal with the 
amount of deformation; however, the stress-strain curves in 
the nieghborhood of the yield point do vary considerably. 
Four types of yield phenomena were observed. Some samples 
exhibited a typical yield point elongation with no upper yield 
point. Strain hardening during the yield elongation and a 
different strain hardening rate beyond the elongated yield 
region was characteristic of others. Some showed classical 
upper and lower yield points, while still others showed no 
yield point phenomena at all. The latter was true of the 94% 
reduction extrusions. A considerable decrease in the area re­
duction is also noted with the 94% reduction. The other 
phenomena appear to be quite independent of the amount of 
deformation. Examples of these observed yield phenomena are 
shown in Fig. 17. 
Optical micrographs of samples demonstrating the various 
types of yield phenomena were examined in order to correlate 
the observed yield behavior with the microstructure. Figure 
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Figure 17. Schematic load elongation curves showing the 
various yield phenomena observed with impact 
extrusion of AISI 1020 steel, a. Strain 
hardening but no upper yield in the elongated 
yield region, b. No strain hardening or 
upper yield in the elongated yield region, 
c. Classical upper-lower yield, d. No yield 
elongation 
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18 shows a micrograph of isothermally transformed 1020 ateel. 
From this figure, the microstructure of blocky ferrite, 
Widmanstatten ferrite, pearlite, bainite and martensite can 
be identified and the interpretation of the subsequent micro­
graphs is simplified. 
The microstructure corresponding to the curves a and b of 
Fig. 17 are shown in Fig. 19a and 19b respectively, while Fig. 
20 shows the microstructures for conditions c and d of Fig. 
17. With the aid of Fig. 18, more bainite and less blocky 
ferrite can be seen in Fig. 19a than 19b. Fig, 20a shows less 
bainite and more blocky ferrite than the previous two micro­
graphs. A large percentage of bainite and some martensite are 
seen in Fig. 20b. It appears that with increasing amounts of 
ferrite and decreasing amounts of bainite, the yield phenomena 
proceed from a to c in Fig. 17. With the introduction of 
martensite, the elongated yield phenomena are lost entirely 
and the area reduction is considerably reduced. 
Prior Austenite Grain Size 
In Tables 3 and 4, the word Base appears for the grain 
size for each condition where no recrystallization occurred. 
The observations concerning recrystallization were made by 
inspecting the geometry of the prior austenite grains. Fig­
ures 21 and 22 show typical prior austenite grains for each 
condition in Tables 3 and 4 respectively. It is easily seen 
that conditions d and g are not recrystallized in Fig. 21 
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Figure 18. Optical micrographs of heat treated AISI 1020 
steel. 500X, Nital etch. Isothermally trans­
formed at 825°F showing blocky ferrite, Widman-
statten ferrite, bainite, fine pearlite, and 
martensite at A, B, C, D and E respectively 
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Figure 19. Optical micrograph of impact extruded AISI 1020 
steel. 500X, Nital etch. a. 50% reduction at 
1525®F. Shows yield phenomena like Fig. 17a. 
b. 75% reduction at 1530*F. Shows yield phenom­
ena like Fig. 17b 
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Figure 20. Optical micrograph of impact extruded AISI 1020 
steel. 500X, Nital etch. a. 75% reduction at 
1530°F. Shows yield phenomena like Fig. 17c. 
b. 94% reduction at 1550°F. Shows yield phenom­
ena like Fig. 17d 
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Figure 21. Optical micrograph of prior austenite grain 
boundaries in impact extruded AISI 4340 steel. 
400X. a. 50% reduction at 1500®F. b. 75% 
reduction at 1550®F. c. 94% reduction at 1550°F. 
d. 50% reduction at 1350*F. e. 75% reduction at 
1350®F. f. 94% reduction at 1325®F. g. 50% 
reduction at 1370®F. h. 75% reduction at 1160°F. 
i. 94% reduction at 1150°F. 
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Figure 22. Optical micrograph of prior austenite grain 
boundaries in impact extruded 440A stainless steel, 
steel. 400%. a. 50% reduction at 1700®F. b. 
75% reduction at 1700*F. c. 94% reduction at 
1775®F. d. 50% reduction at 1500°F. e. 75% 
reduction at 1550®F. f. 94% reduction at 1525®F. 
g. 50% reduction at 1225*F. h. 75% reduction 
at 1250°F. i. 94% reduction at 1225°F 
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whereas all of the remaining conditions are. In Fig. 22, con­
ditions d, e, g, h and i are not recrystallized. Another 
observation that can be made from Figs. 21 and 2 2 is that 
there is not much variation in the degree of refinement among 
the various conditions which have recrystallized. The growth 
of the grains after recrystallization is time and temperature 
dependent; therefore, a decrease in grain size with tempera­
ture is expected and indeed is observed in Table 3. Also, at 
constant temperature, increasing amounts of deformation should 
promote rapid growth of the grains because a large number of 
new grains would be nucleated making the average size of the 
new grains very small and of high curvature. Since surface 
energy is the driving force for grain growth, these small 
grains with high curvature would be expected to grow rapidly. 
In impact extrusion, increased deformation is accompanied by 
increased adiabatic heating which further enhances the growth 
rate of the grains. Although the expected trends are observed 
in the data of this work, the magnitudes of the variation are 
small. Since the grain size of the base materials is small, 
(see Figure 23) the difference in grain size between the base 
material and those conditions which have recrystallized is 
also small. The difference is larger in the 440A than in the 
4340, probably because the carbide particles in the 440A 
stifle grain growth. 
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Figure 23. Optical micrograph of prior austenite grain 
boundaries in the base materials. 400X. 
a. AISI 4340. b. 440A stainless steel 
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Large Carbide Size Distribution in 440A Stainless Steel 
In 440A stainless steel, it is impossible to eliminate 
the carbide phase without melting the material. The material 
must be austenitized at a temperature where the two phases of 
austenite and carbide are in equilibrium. On subsequent 
quenching, the carbide particles present in the austenite are 
retained while the surrounding austenite transforms to marten-
site. It was of interest to see what, if anything, happened 
to the size distribution of this carbide when the material was 
impact extruded. 
The measured carbide particle size distribution for each 
extrusion condition and for the base material are presented in 
the form of histograms in Fig. 24. The number of particles 
larger than 1.44pm are shown in a single bar on the right of 
each histogram. These particles were all lumped together be­
cause above 1.44pm, the particles become very unspherical and 
difficult to measure. Most of these particles result from the 
sintering of several particles; hence, their geometry is very 
irregular. The smallest particles that could be measured were 
0.07pm in diameter. Transmission electron microscopy work 
verified that there were no carbide particles present from 
austenitizing which were smaller than 0.07pm. 
In order to assure that a sufficient number of pictures 
were analyzed to get a representative distribution, develop­
ment of the histogram in Fig. 24i by the addition of the 
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•igure 24. Size-frequency distribution of carbide particles in thermomechanically 
and conventionally treated 440A stainless steel. Each increment on 
the ordinate and abscissa corresponds to 435 particles/mm2 and 0.07 
ym respectively. The separate bar on the right of each distribution 
represents the frequency of particles greater than 1.4 ym. a. 50% 
reduction at 1700°F, b. 50% reduction at 1500°F, c. 50% reduction 
at 1225°F, d. 94% reduction at 1525°F, e. 94% reduction at 1775°F, 
f. 75% reduction at 1700°F, g. 75% reduction at 1550°F, h. 75% reduc­
tion at 1250°F, i. 94% reduction at 1225®F, j. conventionally 
treated material 
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results of two pictures at a time is shown in Fig. 25. It 
is seen that the shape of the distribution does not change 
much. It can therefore be concluded that the number of pic­
tures analyzed or the area of the sample inspected is ade­
quate. 
Each distribution shows a high frequency of particles 
with diameters in the range of 0.8 to 1.0 microns. The 95% 
reductions and the 50% reduction at 1500®F show a very high 
frequency of particles with diameters between 0.35 and 0.50 
microns. 
Not all samples etched alike, therefore it is possible 
that the distributions measured are influenced by the degree 
of etching. The samples were all etched for the same amount 
of time; however, with such drastic changes in the extrusion 
conditions, time may not be the parameter to hold constant 
for constant degree of etching. Since the etchant seems to 
attack preferentially around the carbide particles, it is 
possible that particles could be lost due to etching. This, 
of course, would alter the distribution by reducing the num­
ber of small particles because they would be the most likely 
to be lost. One can also argue that etching can expose more 
particles, offsetting those which are lost. It is unknown 
at the present time whether the distributions a, b, c, f, g, 
h and j in Fig. 24 are distorted because of etching. 
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Figure 25. Development of the frequency-size distribution of 
carbide particles in thermomechanically treated 
(94% reduction at 1225®F) 440A stainless steel 
with examined areas of a. 4.6xl0"4mm2, b. 
9.2xl0-4mm2, c. 13.8xl0"4mm2, d. 18.4xl0-4mm2 
Each increment on the ordinate and abscissa 
corresponds to 435 particles/mm2 and 0.07 ym 
respectively. The separate bar on the right of 
each distribution represents the frequency of 
particles greater than 1.4 ym 
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Transmission Electron Microscopy 
Transmission electron microscopy was used in an attempt 
to identify the structures responsible for the observed 
strength behavior. The identification of the responsible 
structures was simplified by examining both thermomechanically 
and conventionally treated material and comparing the struc­
tures of the two. Based on the theories of strengthening pre­
viously discussed, the structural differences that were ex­
pected to be observed were in martensite lath size, disloca­
tion density and carbide precipitates. These structural dif­
ferences would be largest in those materials showing the 
largest increase in strength. For this reason, samples were 
prepared from material which showed large strength differences 
from the base material. For the 440A stainless steel, foils 
were prepared from material treated at the following condi­
tions: 50% reduction at 1225°F and 1700°F, 75% reduction at 
1250°F and 94% reduction at 1225°F. The selection of condi­
tions allowed exploration of the independent variables of 
temperature and extrusion ratio. Only the 50% reduction at 
1160°F condition along with the base material was examined 
for the 4340. 
In both the 440A stainless steel and the 4340, the mar­
tensite lath sizes (width of the laths) ranged from about 
0.1 micron to well over 1 micron. No systematic variation of 
the martensite lath size with the thermomechanical treatment 
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was observed. The lath size appeared to be random. Optical 
microscopy of each material did not show any structural re­
finement by the thermomechanical treatment. Comparison of 
the individual lath sizes with those of the base material in 
transmission electron micrographs showed the range of the 
lath sizes to be about the same. A further comparison of the 
micrographs corresponding to 501 reduction of 440A at 1225°F 
and 1700°F showed essentially no difference in the martensite 
lath size, even though the 1225°F condition was not recrys-
tallized and the j.700°F condition was. Figure 26 shows bright 
field transmission electron micrographs of typical lath struc­
tures with a broad spectrum of lath widths for 4340 and 440A. 
Differences in dislocation density are extremely diffi­
cult to note quantitatively in heavily dislocated materials 
like the lath martensites in steel. Both 440A and 4340 are 
this type of martensite, which has typical dislocation densi­
ties of 10^^ to 10^^ cm ^. These dislocations arrange them­
selves in massive tangles that appear almost like dark 
smudges on transmission electron micrographs. The micrographs 
shown in Fig. 26 are typical examples of heavily dislocated 
martensite laths. Figure 27 shows two more examples of 
heavily dislocated laths in 440A and 4340. Note the large 
carbide precipitate in Fig. 27a. 
The differences between the thermomechanically treated 
and conventionally treated base material with respect to car-
74 
C d 
Figure 26. Bright field transmission electron micrograph and 
diffraction pattern of typical lath structure in 
440A stainless steel and AISI 4340 lath marten-
r sites. (33,000X) a. Bright field of 440A 
stainless steel, b. Bright field of AISI 4340. 
c. Diffraction pattern of a; point A is a 111 
spot of the BCC laths, d. Diffraction pattern 
of b; points A and B are 111 and 200 spots respec­
tively of the BCC laths 
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Figure 27. Bright field transmission electron micrographs 
and diffraction patterns of the lath martensites 
of 440A stainless steel and AISI 4340 showing the 
high dislocation densities within the laths, 
a. Bright field of 440A stainless steel, b. 
Bright field of AISI 4340. c. Diffraction 
pattern of a. d. Diffraction pattern of b. 
(33,000X) 
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bide precipitates should result either from their origin, the 
kinetics of their formation or both. In the thermomechanically 
treated material, there is a strong possibility that carbides 
precipitate at some time before the martensite is formed. 
Nucleation difficulties prevent these precipitates from form­
ing in the base material. Subsequent tempering could coarsen 
the previously precipitated particles in the thermomechan­
ically treated material. The base material would only have 
the carbide precipitated during tempering; consequently, there 
could be a difference in the origin of the carbides. Thermo­
mechanically treated material typically has different temper­
ing kinetics than conventionally treated material (see p. 10); 
therefore, if no precipitates were formed during the extrusion 
or some time shortly thereafter there should still be a dif­
ference in the carbide size or distribution due to this dif­
ference in kinetics. The thermomechanically treated material 
would precipitate carbides not only during or shortly after 
extrusion but also during tempering. 
The best way to observe carbide precipitates in complex 
microstructures such as those in 440A and 4340 is to use dark 
field in conjunction with bright field transmission electron 
microscopy. The reversal of contrast when going from bright 
field to dark field allows features like carbides to be seen 
where they otherwise would be invisible in bright field due 
to the complexity of the structure. 
Carbide precipitates were found in the conventionally 
treated as well as the thermomechanically treated 440A. Fig­
ure 28 shows a bright field and a dark field micrograph for 
conventionally treated 440A and Figure 29 shows a similar 
situation for thermomechanically treated 440A. Note the fine 
ness of the precipitates in these two figures. Widmanstatten 
carbides were observed in the 4340 base material. Figure 30 
shows a bright field and dark field micrograph of a large mar 
tensite lath in which Widmanstatten carbides are clearly seen 
They are even more prominent in the dark field micrograph. 
Figure 31 shows more clearly other orientations of these car­
bides. Widmanstatten carbides were not observed in the ex­
truded 4340. They may have been present but were too fine to 
resolve. Figure 32 shows bright field micrographs of ex­
truded 4340. In their corresponding diffraction patterns, 
iron carbide (Fe^C) diffraction spots are clearly visible. 
This indicates that precipitates are present in the tangled 
dislocations and that the number of orientations is low be­
cause there are discrete spots and not continuous rings char­
acteristic of random orientations. It can be concluded that 
there are carbides present in both the base and extruded 4340 
and that they are Widmanstatten carbides in both cases. 
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Figure 28. Transmission electron micrograph of 440A stainless 
steel martensite, base material, a. Bright field, 
b. Diffraction pattern of a. Spot A is a 300 
spot from Cr23C5 carbide. Spot B is a 111 spot of 
the BCC matrix, c. Dark field of a using the 
diffraction spot A of b. (33,000X) 
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Figure 29. Transmission electron micrograph of 440A stainless 
steel martensite, impact extruded material, a. 
Bright field, b. Diffraction pattern of a. Spot 
A is a 331 spot from CrgS^G carbide. Spot B is a 
111 spot of the BCC matrix, c. Dark field of a 
using diffraction spot A of b. (33,000X) 
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Figure 30. Transmission electron micrograph of AISI 4340 
martensite, base material, showing Widmanstatten 
carbides within a large lath. a. Bright field, 
b. Diffraction pattern of a. Spot A is a 223 
spot from Fe^C carbide. Spot B is a 111 spot of 
the BCC matrix, c. Dark field of a using diffrac­
tion spot A of b. (33,000X) 
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Figure 31. Transmission electron micrograph of AISI 4340 
martensite, base material, showing Widmanstatten 
carbides within a large lath. a. Bright field, 
b. Diffraction pattern of a. (33,000X) 
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Figure 32. Transmission electron micrograph of AISI 4340 
martensite, extruded material. (33,000X) 
a. Bright field showing typical structure. 
b. Diffraction pattern of a. Spot A is a 111 
spot of the BCC matrix. Spots B-E are 230, 321, 
233 and 344 FesC spots respectively, c. Bright 
field showing typical structure, d. Diffraction 
pattern of b. Spot A is a 111 matrix spot. 
Spots B, C and D are 433, 233 and 344 Fe^C 
spots respectively 
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DISCUSSION 
One of the goals of this work was to identify the micro-
structures that result from impact extrusion and correlate 
these with the observed mechanical behavior. Regarding the 
identification of the microstructures, there is little that 
can be said beyond the fact that the microstructures, as ob­
served optically and with transmission electron microscopy, 
are essentially the same as conventionally treated material. 
The differences are very subtle. The question then arises as 
to what causes the observed difference in mechanical behavior, 
or more specifically, why does thermomechanical treatment us­
ing impact extrusion as the deformation process strengthen 
the material in the manner that it does? The answer must lie 
in the possible operative strengthening mechanisms discussed 
in a previous section (p. 11). The possible mechanisms are: 
strengthening by small grain size or martensite lath size, 
high dislocation density, fine carbide precipitation and solid 
solution. 
The transmission electron microscope work showed an ex­
tremely wide range of martensite lath sizes for both AISI 43.40 
and 440A stainless steel. There was no observed correlation 
of range of lath widths nor frequency of any lath size with 
the conditions investigated. Since there was no systematic 
variation of lath size with the different thermomechanical 
treatment conditions, it can be concluded that grain size or 
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martensite lath size is not the controlling strengthening 
mechanism. This is in agreement with recent published liter­
ature (57,68). 
The same conclusion as above can be arrived at through 
inspection of the yield strength curves if the results of 
Harder and Krauss (41) are applicable. They found a strong 
correlation between prior austenite grain size and the yield 
strength of lath martensite. If no recrystallization takes 
place, the austenite grains which subsequently transform to 
martensite will have the shape of rods. The reduced grain 
dimension should produce an increase in yield strength because 
the distance between dislocation sources and grain boundary 
barriers is reduced. If this is the case, increasing the 
amount of reduction should bring about an increase in yield 
strength provided no recrystallization occurs. Table 4 shows 
that at a nominal extrusion temperature of 1550°F, the 50% 
and 75% reductions are not recrystallized. Figure 14 shows 
that the yield strength decreases when increasing the amount 
of deformation from 50% to 75%. The conclusion could be drawn 
that prior austenite grain size or martensite packet size, 
which Harder and Krauss (41) found to be related, do not con­
trol the yield strength. 
Dislocation densities are extremely difficult to quantify 
in heavily dislocated structures such as lath martensites. 
This makes the detection of small differences in dislocation 
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density difficult. These limitations eliminate direct meas­
urement of the dislocation densities as a method of assessing 
their influence. There is experimental evidence which supports 
the position that dislocation density is also not the control­
ling strengthening mechanism. If dislocation density were the 
major strengthening mechanism, then recrystallization should 
have a serious effect on the yield strength, because recrystal­
lization would reduce drastically the number of dislocations 
in the austenite prior to its transformation to martensite. 
Since the martensite inherits dislocations from the austenite, 
recrystallized austenite would yield martensite with a lower 
dislocation density than that formed from unrecrystallized 
austenite. The yield strength in Table 4 for 50% reduction at 
a nominal extrusion temperature of 1250°F is lower than for 
50% reduction at a nominal extrusion temperature of 1700®F. 
The former is not recrystallized whereas the latter is. When 
no recrystallization has taken place, there should be an in­
crease in yield strength with an increase in the amount of 
deformation. In Table 4, at a nominal extrusion temperature 
of 1550°F there is a decrease in yield strength with an in­
crease in the amount of deformation from 50% to 75%. The 
observation of a decrease in yield strength with increasing 
deformation in unrecrystallized material and the incident of 
a lower yield strength for an unrecrystallized material than 
for a recrystallized one at the same amount of deformation 
86 
lead to the conclusion that dislocation density is not the 
controlling strengthening mechanism. 
There remain only two mechanisms that seem likely to be 
responsible for the observed strength behavior; precipitation 
of carbides and solid solution strengthening. These two mech­
anisms are related because the solid solution strengthening 
effect, which is always present, is diminished by precipita­
tion due to the fact that atoms are being removed from the 
matrix and accumulated in the precipitate. The observed 
strength behavior must be the net effect of the two mechanisms. 
The literature (68) indicates that in ausformed steels carbon 
precipitated as alloy carbides more effectively hardens mar-
tensite than carbon in solution. 
Since the strength behavior of AISI 4340 and 440A stain­
less steel with variations in the independent variables of 
extrusion ratio and temperature is similar, it is very likely 
that carbide precipitation is the major strengthening mechan­
ism operative in both. 
Of the carbide particles observed by transmission elec­
tron microscopy, no differences in particle size or distribu­
tion for thermomechanically and conventionally treated material 
were noted. This means that the above deduction that carbide 
precipitation is the major strengthening mechanism cannot be 
verified directly by experimental evidence and that the pre-
o 
cipitates must be less than about 100 A, since particles 
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larger than this could easily be seen and measured. 
In order for precipitates to form, there must be a super-
saturation of carbon in the metastable austenite and suffi­
cient mobility of the carbide forming elements so that diffu­
sion to the growing nuclei can take place. The metastable 
austenite in the 440A will be supersaturated at all tempera­
tures below the austenitizing temperature of 1900°F. Johari 
and Thomas (57) found that alloy carbides rather than Fe^C 
form during ausforming which means in the case of 4340 that an 
alloy carbide of molybdenum or chromium is precipitated. It 
is unknown at what temperature heavily deformed austenite be­
comes saturated with respect to these elements; however, from 
the work of Johari and Thomas cited above, it is certain that 
saturation indeed does occur. Table 4 for 440A shows that 
adiabatic heating raises the temperature above the austenitiz­
ing temperature for some conditions. For these conditions, 
precipitation will not occur until the extrusion has cooled 
below the austenitizing temperature. The requirement of 
supersaturation of the austenite is satisfied and a conserva­
tive calculation (Appendix B) shows that the mobility of 
o 
chromium in the 440A is sufficiently high to allow about 20 A 
particles to form in 200 milliseconds. Molybdenum diffuses 
even faster than chromium so the formation of molybdenum car­
bides is also possible from a diffusion standpoint. All con­
ditions for carbide precipitation can be satisfied; therefore. 
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its occurrence is expected. 
The precipitation must occur after extrusion because the 
extrusion process is too fast for the substitutional diffusion 
of the carbide forming elements. It would be unlikely that it 
would occur after recrystallization had taken place because 
the dislocations and vacancies generated by the deformation, 
which provide nucleation sites and enhance diffusional rates 
respectively, would be essentially eliminated. The loss of 
these dislocations can seriously affect the nucleation process 
according to Cahn's theory (69), which predicts that the nucle­
ation rate at dislocations is about 78 orders of magnitude 
greater than homogeneous nucleation. The time interval for 
precipitation is from the time the metastable austenite be­
comes supersaturated to the time recrystallization takes place. 
If no recrystallization takes place, precipitation can occur 
until the temperature becomes too low for the diffusion of 
the carbide forming elements. 
Up to this point, the likelihood of carbide precipitation 
and when it occurs has been discussed with little reference to 
the data of this investigation. To verify the above discus­
sions with experimental data, it must first be established 
what the precipitation mechanism predicts with respect to the 
mechanical properties measured. The size, spacing and amount 
of the carbide precipitate particles are what affects the 
yield strength. Classical precipitation theory (70) predicts 
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a direct proportionality between yield strength and square 
root of the particle size as long as dislocations cut through 
the particles. Spacing becomes important when dislocations 
can no longer cut through the particles but must pass between • 
them according to the Orowan mechanism (71). Size and amount 
of the precipitate seem most important since size governs what 
mechanism is operative, cutting through or bowing between the 
particles, and the amount controls the degree of the strength­
ening effect for each mechanism. Since size and amount of 
precipitate should control the increases in the yield strength, 
it is of concern how these are affected by the temperature 
after extrusion. The manner in which temperature deviations 
from the equilibrium value (austenitizing temperature) affect 
the amount and size of precipitate particles can most easily 
be understood with the aid of Fig. 33, a schematic of a 
typical precipitation rate-temperature relationship. The 
shape of this curve is deduced by the following reasoning. 
Temperatures just below the equilibrium temperature, T , have 
eq 
associated with them small free energy changes with precipita­
tion, hence nucleation is difficult due to the low driving 
force. Growth is also slow due to the low concentration grad­
ient (driving force) at these temperatures. As the tempera­
ture decreases significantly below T , the free energy change 
with precipitation and concentration gradient increases, like­
wise, the nucleation and growth rates increase. With further 
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decreases in temperature, diffusion becomes more and more 
difficult and at T* it starts controlling the precipitation 
process so that the nucleation and growth rates decrease with 
decreasing temperature until is reached, below which these 
processes cease. Figure 33 alone does not portray what actu­
ally happens, however, because not always does the entire 
precipitation process occur isothermally; a great deal of 
it probably takes place during cooling in the quench tank. 
A more meaningful sketch can be arrived at by taking cooling 
curves and cross plotting them (Appendix C) in a schematic 
manner to get a rate versus time sketch as shown in Fig. 34a. 
The geometry of these rate-time curves depends on the 
initial temperature and cooling rate in the range 
These four curves exaggerated for illustration, correspond 
to the cooling of four extrusions of the same size but dif­
ferent initial temperatures. The initial temperatures for 
these curves are indicated in Fig. 33. The areas under 
these curves in Fig. 34a are the amount of precipitate formed. 
Figure 34b shows how the amount or size (different scales) 
varies as a function of time. The same type of curves as 
shown in Fig. 34a would be observed if the initial tempera­
ture were held constant but the cooling rate were changed 
(Appendix C). Increasing the cooling rate (reducing the 
size of the extrusion) with constant initial temperature would 
tend to make the curves of Fig. 34a narrower but it would not 
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Figure 34. Precipitation kinetics associated with continuous 
cooling from various starting temperatures. a. 
Rate-time curves for starting temperatures T2> 
Teq>Ti>T3. b. Amount-time or size-time (differ­
ent scales) curves corresponding to the rate-time 
curves in a 
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shift them as changing the initial temperature does. While 
the extrusions are in flight before entering the quenchant, 
the conditions are essentially isothermal; therefore, the 
precipitation rate, if it occurs, is constant. This would 
add a linear portion to the bottoms of the curves in Fig. 34b. 
The slope of this linear segment would be proportional to the 
nucleation or growth rate appropriate to the temperature dur­
ing free flight. 
It must be kept in mind that Fig. 34b is for precipita­
tion during the entire cooling process. If recrystallization 
occurs, these curves will be interrupted at the time" of the 
occurrence. If the precipitation model is correct, the yield 
strength behavior should be able to be explained on the basis 
of curves as sketched in Fig. 34b. One can only sketch these 
curves because there is no way at the present time to calcu­
late the nucleation or growth rate curves in Fig. 33. They 
will change with the amount and temperature of deformation be­
cause the free energy change with precipitation changes with 
the dislocation concentration and the vacancy supersaturation 
will change with the amount and temperature of deformation. 
Only qualitative arguments can be given to explain the yield 
strength behavior as a result of this. 
An experiment was conducted to add credibility to the 
discussions above. Based on the information in Fig. 34, it was 
postulated that if the amount of reduction and the temperature 
at the beginning of quenching are held constant but the cooling 
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rate is changed, the rate-time curve for the slower cooling 
extrusions will be broader than that for the faster cooling 
rate. The broader curve will obviously have more area under 
it and hence more precipitation should occur, provided no re-
crystallization occurs, and a higher yield strength should be 
observed. To create the situation above, an extrusion of 
440A was made with 50% reduction at 1225°F (identical to a 
condition in Table 4; into still oil as opposed to violently 
agitated oil corresponding to the similar condition in Table 4. 
The extrusion quenched in still oil had a yield and ultimate 
strength of 243 KSI and 305 KSI respectively. This is an in­
crease in yield strength of 30 KSI over the corresponding 
value in Table 4 with the decrease in cooling rate. Just as 
this strength increase was qualitatively predicted, the entire 
yield behavior for both 4340 and 440A can be accounted for. 
The difference in the temperature for maximum yield strength 
is also expected. Since the carbides formed during ausforming 
are alloy carbides rather than Fe^C, then in the case of 4340 
it is likely that a molybdenum carbide will form. The diffus-
ivity of molybdenum is greater than chromium in austenite; 
therefore, it is expected that T* for 4340 would be lower than 
that of 440A which requires the diffusion of chromium to form 
the precipitate because no molybdenum is present in the 
440A stainless steel used in this investigation. The fact 
that Cr23^6 the stable carbide in 440A is verified in the 
diffraction patterns of Higs. 28 and 29. 
It is difficult to extend a model such as the one devel­
oped to explain the yield strength behavior to account for the 
ultimate strength behavior as well because of the extremely 
complex microstructure. The situation becomes horrendously 
more complicated after large amounts of plastic deformation 
have occurred. In the 440A, the large carbide particles were 
found to be cracked normal to the direction of tensile load­
ing. The local strain in the material when such a particle 
cracks is probably very high. The accumulation of the effects 
of many cracked particles must significantly effect the 
plastic strain at which the specimen in general develops a 
plastic instability and begins to neck. The 4340 does not 
have large carbides present like the 440A and has a more sys­
tematic variation of the ultimate strength. 
Recent literature on ausforming (68,60) employing conven­
tional deformation processes seems to be in agreement concern­
ing the strengthening mechanism. It is one where dislocation 
density and precipitation of carbides contribute the major 
share of strengthening. The primary role of the precipitate 
particles is to increase the dislocation generation in the 
austenite and during the martensitic transformation, and to 
provide obstacles against dislocation motion in the martensite. 
The increase in the dislocation density is believed to be the 
most important function of the precipitated particles. In 
this study, however, the carbides appear to serve a more 
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direct role in the strengthening of the martensite. The pri­
mary role appears to be pinning of the dislocations in the 
martensite because recrystallization seems to have no signifi­
cant effect on strength other than early termination of the 
precipitation process. Dislocations must play some role in 
increasing the strength, however, it appears to be a secondary 
one. 
In low temperature thermomechanical treatment (see p. 2), 
LTTMT, conventional deformation processes produce increases in 
yield strength proportional to the amount and temperature of 
deformation (9,14,17,25,26,27). LTTMT using impact extrusion, 
however, does not show this behavior. As seen in Figures 15 
and 16, it generates a maximum in the yield curve: a result 
not seen with conventional deformation processes. The inde­
pendent variables of amount and temperature of deformation are 
indirectly influential as predicted by the carbide precipita­
tion mechanism. The amount of deformation should be important 
only if an insufficient number of dislocations were generated 
for nucleation sites. Since the range of deformation investi­
gated was from 50% to 94%, there is little chance that this is 
the case. The amount of deformation and the deformation tem­
perature do show their effect, however, by influencing the 
adiabatic heating and the cooling rate, which can affect the 
precipitation time. In this sense, their influence is in­
direct . 
It is contented in the literature (17,72,73) that 
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chromium is not a very effective alloying element to improve 
the strength of steel by thermomechanical treatment. In this 
work, greater strengthening effects were observed in the 440A 
stainless steel than in the 4340. The carbide precipitated in 
the former is Cr25C^ and very likely a molybdenum carbide in 
the latter. Molybdenum, however, is believed to be one of the 
most influential alloying elements for strength improvement 
by thermomechanical means. This result is not surprising be­
cause in conventional thermomechanical treatments, the defor­
mation processes are done at lower temperatures than this 
work and they do not generate as much heat as impact extru­
sion, consequently the temperatures at which precipitation 
occurs are lower. At low temperatures, chromium cannot dif­
fuse as quickly as molybdenum and hence would not be as 
effective an alloying element as molybdenum for strength 
improvement by thermomechanical treatment. This, of course, 
is not the case in this work. 
In summary, thermomechanical treatment using impact 
extrusion causes the precipitation of carbides which act as 
the primary strengthener as opposed to the secondary role they 
are contended to play in conventional thermomechanical treat­
ments. The strength increases realized by this process, how­
ever, are not significantly different from the results of 
conventional ausforming. 
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CONCLUSIONS 
1. Precipitated carbide particles considerably less than 100 
o 
A in diameter are the cause of strength increases in thermo-
mechanical treatments using impact extrusion as the deforma­
tion process and these strength increases result from the 
particles themselves rather than the increased dislocation 
density they can cause. 
2. The amount and temperature of deformation have no influ­
ence other than the final temperature they produce, provided 
both are suitable for the production of enough dislocations 
for an adequate supply of nucleation sites. 
3. Cooling rate after extrusion is important due to the car­
bide precipitation and recrystallization processes which occur 
during cooling. 
4. The austenite grain geometry after extrusion has negli­
gible effect on the mechanical properties. 
5. Chromium is an effective alloying element for increasing 
strength through thermomechanical treatments using impact 
extrusion as the deformation process. 
6. Thermomechanical treatments using impact extrusion as the 
deformation process are more effective with 440A stainless 
steel than AISI 4340. 
7. In thermomechanical treatment, impact extrusion has no 
advantage over conventional deformation processes like rolling. 
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RECOMMENDATIONS FOR FURTHER STUDY 
The mechanism proposed in this work to explain the yield 
strength behavior could be more thoroughly investigated by re­
peating some of the extrusions with a carbon free steel. This 
would eliminate carbide precipitation as a strengthening mecha­
nism and would allow an evaluation of the magnitude of the 
effects of other strengthening mechanisms. The use of various 
quenchants or extrusion sizes to get a broad range of cooling 
rates would also be beneficial in testing the proposed mecha­
nism and would allow a more thorough study of recrystalliza-
tion kinetics. 
Lower reductions than those used in this investigation 
should be examined to determine whether the extrusions done at 
higher temperatures would show a maximum in the yield strength 
versus temperature after extrusion plot similar to the low 
temperature extrusions. Lower reductions and lower extrusion 
temperatures would likewise be of interest to verify the pro­
posed strengthening mechanism and to study the precipitation 
kinetics more thoroughly because decreasing amounts of defor­
mation and extrusion temperature should lead to a point where 
carbide precipitation ceases. The amount of adiabatic heating 
would also be reduced with lower reductions. It would be of 
interest to know whether strength behavior similar to that 
observed in steels thermomechanically treated by using con­
ventional deformation processes would occur when the adiabatic 
heating became negligibly small. 
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APPENDIX A. CALCULATION OF CONFIDENCE LIMITS 
Each of the strength values presented in Tables 3 and 4 
is an average of several measurements (a statistical sample). 
There is an uncertainty associated with this average value 
equivalent to 
+ t Sg CAl) 
where t is the t-statistic and sg is the standard deviation of 
the mean. This can be rewritten in terms of the standard devi­
ation of the statistical sample by using the following esti­
mate of the standard deviation of the mean 
ss = — (A2) 
^ /n 
where s is the standard deviation of the statistical sample 
and n is the number of data points. Combining Equations A1 
and A2, the following expression for the confidence bounds 
which stem from random variations in the material properties 
results 
+ ^  (A3) 
- /n 
Up to this point, measurement errors, which propagate through 
the strength calculations, have been ignored. These, also must 
be accounted for. The situation which exists is such that the 
random deviation of each strength from the true value and the 
propagated error of the calculated strengths are correlated 
(74) (have similar ranges). The confidence bounds on the esti­
mate of the strength for this situation are 
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t s Strength = Average Strength + + R (A3) 
n 
where R is the propagated measurement error. The value of R 
results from uncertainties in the measurement of the specimen 
diameters and the load. Propagation of these uncertainties 
through the strength calculation yields a value for R of 
+ 7 KSI. Table A1 below shows the confidence bounds for each 
strength value in Tables 3 and 4. 
Table Al. Confidence bounds at the 90% confidence level for the strengths 
in Tables 3 and 4 
Nominal Amount of reduction 
extrusion 
temperature 50% 75% 94% 
4340 440A 4340 440A 4340 440A 4340 440A 
Sy Su Sy Sy Sy Sy Sy ^ Sy Sy 
KSI KSI KSI KSI KSI KSI KSI KSI KSI KSI KSI KSI 
1550°F 1750°F +26 +13 +12 +14 +17 +13 +12 +25 +11 +14 +11 +12 
1350°F 1550°F +7 +7 +12 +17 +9 +14 +11 +13 +13 +14 +13 +16 
1150°F 1250°F +12 +13 +9 +11 +15 +10 +10 +10 +29 +13 +36 +12 
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APPENDIX B. CALCULATION OF A TYPICAL PRECIPITATE SIZE 
Zener's (75) expression for the growth of spherical pre­
cipitates from solid solution will be invoked to calculate a 
typical precipitate particle size. The carbide precipitate 
that is formed in 440A stainless steel is which is 94 
w/o chromium. In Figure B1 is shown an equilibrium phase dia­
gram for iron-carbon alloys containing 18 w/o chromium. If 
one assumes that this phase diagram is applicable to 440A 
stainless steel, the equilibrium amount of carbide present is 
about 7 v/o for an austenitizing temperature of 190G®F and a 
carbon content of 0.7 w/o. If the carbide is 94 w/o chromium, 
then the matrix is left with about 11.4 w/o chromium. Further 
assume that after extrusion the temperature is 1700°F, then 
the equilibrium amount of carbide is 9.7 v/o, which depletes 
the matrix to 9 w/o chromium. The above assumptions and cal­
culations give chromium concentrations in the matrix and in 
equilibrium with the precipitate of 0.09, in the matrix far 
away from the precipitate of 0.11, in the carbide of 0.94. 
These values give 0.245 for Zener's growth coefficient 
in the expression 
R = a*(Dt)l/2 (Bl) 
where R = radius of the particle, cm 
2 D = diffusion coefficient, cm /sec 
t = time, sec 
An Arrhenius equation of the type below describes the diffusi-
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Figure B1. Cross-section of the equilibrium phase diagram for 
iron-carbon alloys containing 18% chromium. 440A 
stainless steel should approximately conform to 
this diagram at 0.7 w/o carbon 
Ill 
vity behavior of metals. 
D = D^expC-Q/RT) CB2) 
2 
where D = diffusion coefficient, cm /sec 
2 
= constant, cm /sec 
Q = energy constant, cal/mole 
R = gas constant, cal/mole ®K 
T = absolute temperature, "K. 
For the diffusion of Cr in a Fe-9 w/o Cr austenitic matrix, 
_ ? 2 
the values of and Q can be taken as 3.2x10" cm /sec and 
53 kcal/mole respectively (76). The composition of the alloy 
from which these numbers were determined is not exactly that 
of 440A stainless steel; however, these values should give a 
very conservative estimate of the diffusion coefficient. The 
value of the diffusion coefficient at 1700°F (1200®K) with the 
_ 1 7 2 
above values for and Q is 7x10 cm /sec. Substitution of 
this value into Equation B1 and assuming a precipitation time 
O 
of 200 milliseconds, yields a particle radius of 9 A. 
The above calculation has used a diffusion coefficient 
which corresponds to an equilibrium number of vacancies. 
Immediately following the extrusion process, the vacancy con­
centration is far in excess of the equilibrium concentration. 
Smallman (77) suggests that the diffusion coefficient be modi­
fied to account for an excess vacancy concentration by multi­
plying it by the ratio of the nonequilibrium vacancy concen­
tration to the equilibrium concentration for that temperature. 
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To do this, the amount of vacancy generation that occurs dur­
ing the high strain rate deformation must be known. At the 
present time, there is no theory sufficiently developed which 
allows such a calculation to be made. All that can be said 
is that the particle size calculated above is a lower bound 
for the temperature selected. 
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APPENDIX C. GENERATION OF RATE-TIME CURVES 
The technique used to develop the rate-time curves of 
Fig. 34a is as follows. Cooling curves like those shown in 
Fig. CI were used in conjunction with an estimated rate-
temperature sketch. Arbitrary units were assigned to the 
rate scale. Cross-plotting was then carried out with the aid 
of a diagram like Fig. C2. The cooling curves shown in this 
figure are those for the 0.500 in. diameter cylinders. The 
cooling curve for the T^ starting temperature was estimated 
from the other curves. In this manner, rate-time curves were 
generated. All the trends observed with the different start­
ing temperatures were exaggerated for Fig. 34a in the text. 
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Figure CI. Calculated cooling curves for infinite cylinders 
of J4UA stainless steel with diameters of a. 0.25 
in., b. 0.50 in., c. 0.707 in. when quenched from 
various initial temperatures in violently agitated 
oil. 
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Figure C2. Cooling curves and a precipitation rate curve with a common temperature 
axis 
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APPENDIX D. MEASURED TENSILE DATA 
The following tables show all the tensile data taken for 
this study. The values with asterisks behind them have been 
rejected because the yield or tensile strength was too low. 
It was found that these samples had compositional inhomogenei-
ties which caused soft areas in the tensile samples. A micro-
probe analysis of a bad area in an AISI 4340 sample showed 
that the soft spots were homogeneous with respect to all ele­
ments except carbon which was very rich in these areas. It 
is not known exactly why these carbon rich spots were soft; 
however, large quantities of retained austenite, which is 
characteristic of high carbon steels, could give this type 
of behavior. 
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Table Dl- Tensile data for extruded AISI 4340 
Spec 
No. 
Reduc­
tion 
% 
Extru­
sion 
temp 
o p  
Yield 
strength 
KSI 
Ultimate 
strength 
KSI 
Area 
reduc­
tion 
% 
Elonga­
tion 
% 
1 50 1500 230 309 54 5 
2 50 1500 224 311 50 5 
3* 50 1500 178 190 65 4 
4* 50 1500 173 189 64 4 
5* 50 1500 166 183 65 5 
6* 50 1350 221 228 64 4 
7* 50 1350 183 218 66 5 
8* 50 1350 232 238 85 5 
9 50 1350 251 319 56 6 
10* 50 1350 230 242 63 4 
11 50 1160 228 321 56 6 
12 50 1160 241 319 52 5 
13* 50 1160 224 228 65 4 
14 50 1160 237 330 53 6 
15 50 1160 242 328 53 6 
16 75 1550 227 299 59 6 
17* 75 1550 172 190 62 4 
18* 75 1550 174 183 66 8 
19 75 1550 230 297 55 5 
20* 75 1550 172 186 66 4 
21* 75 1350 19 5 206 65 6 
22 75 1350 228 306 58 5 
23* 75 1350 162 181 63 5 
24 75 1350 230 298 57 6 
25 75 1350 230 302 56 7 
26* 75 1160 189 200 61 4 
27 75 1160 240 310 55 10 
28 75 1160 235 306 54 6 
29 75 1160 251 307 55 10 
30 75 1160 241 303 55 5 
31 94 1550 231 298 59 6 
32 94 1550 234 307 58 6 
33 94 1550 227 , 297 56 6 
34* 94 1550 160 176 65 4 
35 94 1550 226 294 58 6 
36 94 1325 220 291 57 7 
37 94 1325 221 296 53 6 
38 94 1325 224 299 56 7 
39 94 1325 231 299 56 7 
40 94 1325 234 310 51 6 
41* 94 1150 167 180 65 5 
42* 94 1150 199 211 64 4 
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Table Dl. (Continued) 
Spec 
No. 
Reduc­
tion 
% 
Extru­
sion 
temp 
op 
Yield 
strength 
KSI 
Ultimate 
strength 
KSI 
Area 
reduc­
tion 
% 
Elonga­
tion 
% 
43 94 1150 239 302 56 7 
44* 94 1150 236 245 61 4 
45 ,94 1150 232 300 56 6 
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Table D2. Tensile data for extruded 440A stainless steel 
Spec Reduc­ Extru­ Yield Ultimate Area Elonga­
No. tion sion strength strength reduc­ tion 
% temp 
op 
KSI KSI tion 
% 
% 
100 50 1700 223 287 25 4 
101 50 1700 235 299 8 4 
102 50 1700 223 314 20 4 
103 50 1700 227 288 23 4 
104 50 1700 229 291 25 4 
105 50 1500 258 301 22 3 
106 50 1500 254 302 21 4 
107 50 1500 250 295 18 4 
108 50 1500 260 300 20 4 
109 50 1500 263 322 19 5 
110 50 1225 216 337 13 6 
111 50 1225 212 344 13 7 
112 50 1225 215 334 14 5 
113 50 1225 210 341 14 6 
114 50 1225 214 341 10 7 
115 75 1700 212 314 7 4 
116 75 1700 213 319 6 4 
117 75 1700 213 337 16 5 
118 75 1700 223 301 22 5 
119* 75 1700 222 273 28 4 
120 75 1550 248 301 22 5 
121 75 1550 244 311 19 5 
122 75 1550 242 307 20 5 
123 75 1550 247 313 19 5 
124 75 1550 252 317 16 5 
125 75 1250 253 311 18 6 
126 75 1250 250 306 14 5 
127 75 1250 257 308 20 5 
128 75 1250 249 306 18 5 
129 75 1250 254 305 21 6 
130 94 1775 208 291 22 5 
131 94 1775 — — — — — - — — -
132 94 1775 215 304 20 7 
133 94 1775 216 412 7 7 
134* 94 1775 215 275 — — -
135 94 1550 235 290 24 5 
136 94 1550 233 301 14 6 
137* 94 1550 143 169 43 3 
138 94 1550 227 290 21 6 
139 94 1550 238 305 20 5 
140 94 1225 235 318 21 6 
141 94 1225 244 319 17 7 
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Table D3. Tensile data for extruded AISI 1020 steel 
Spec. 
No. 
Reduc­
tion 
% 
Extru­
sion 
temp 
°F 
Yield 
strength 
KSI 
Ultimate 
strength 
KSI 
Area 
reduc­
tion 
% 
Elonga­
tion 
% 
142 50 1500 65 89 84 13 
143 50 1500 67 90 84 13 
144 50 1500 67 91 84 13 
145 50 1500 82 109 78 12 
146 50 1500 63 86 81 13 
147 75 1550 65 88 83 14 
148 75 1550 61 90 80 15 
149 75 1550 67 89 82 14 
150 75 1550 66 87 82 15 
151 75 1550 62 87 80 14 
152 94 1550 66 105 61 10 
153 94 1550 
154 94 1550 60 94 66 14 
155 94 1550 68 103 61 8 
156 94 1550 59 93 69 10 
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Table D4. Tensile data for conventionally treated materials 
Spec 
No. 
Material Yield 
strength 
KSI 
Ultimate 
strength 
KSI 
Area 
reduction 
% 
Elongation 
% 
157* 4340 186 314 52 2 
158* 4340 179 311 51 7 
159* 4340 175 310 55 5 " 
160* 4340 208 300 45 6 
161* 4340 211 303 50 6 
162* 4340 180 313 50 8 
57 4340 216 307 50 7 
58 4340 224 301 48 6 
60 4340 220 303 49 8 
163 440A 201 274 23 5 
164 440A 208 280 24 6 
165 440A 212 277 23 6 
166 440A 205 279 23 6 
167 440A 204 279 23 6 
168 440A 198 282 24 7 
169 440A 212 280 21 5 
170 440A 212 281 23 5 
171 440A 202 275 24 6 
172 440A 214 272 27 5 
173 440A 209 281 27 6 
174 440A 207 277 24 6 
175 440A 212 278 30 5 
